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Abstract

A (FeMnNi)s4(AlTi)i6 high-entropy alloy was produced by vacuum arc melting successfully. The microstructure of the as-
cast state showed the existence of two FCC phases along with potential precipitates. The solution treatment response of the
alloy for 2 h at 1150 °C and the effect of aging time at 750 °C in the microstructure and microhardness were also evaluated.
It was observed that the solution treatment parameters were insufficiently low to dissolve the as-cast precipitates into the
matrix. The double FCC matrix identified may be correlated with a solidification range and insufficient diffusion during the
solidification process. The maximum hardness at 90 min aging time can be mainly attributed to the precipitation shearing
mechanism in both matrix areas. The lower hardness value reported at 160 h aging time was estimated that it is derived by
the change of the main strengthening mechanism from shearing to Orowan. The island-like precipitates that depleted Ti
element from the Ni-rich intergranular area may be identified as a Ni,AlTi Heusler phase.
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Introduction

High-entropy alloys (HEAs) were introduced as bulk multicomponent equiatomic single-phase solid solution alloys that were
firstly reported in 2004 by two separate studies from Cantor and Yeh et al. [1, 2] Within the following years, preliminary
studies from various researchers illustrated promising mechanical properties, mainly as possible structural materials. It can be
claimed that they “accidentally” derived from bulk metallic glasses (BMGs), in an attempt to clarify the possible impact of the
increased configurational entropy that may lead to a higher glass forming ability [3].

HEAs’ major difference compared to the conventional metallic alloys is changing the design goal. That is having five or
more elements combined together with no dominant element, against the conventional way of having one main element
acting as a matrix additively with small compositional quantities of other elements to provide the desired properties [3—5].
Additionally, HEAs offer some unique aspects; the cocktail effect, the “controversial” significant effect of lattice distortion [6],
the sluggish diffusion effect and the mixing entropy, providing different design routes that can overcome some of the traditional
metallurgical tradeoffs (e.g., strength—ductility ratio) [7, 8] and provide new materials with superior properties that none of the
already optimized conventional alloys can currently achieve.

Nonetheless, as their research interest exponentially grew [9], their initial design goal and nature have been significantly
changed. In the recent years, the researchers started to get advantage of the high configurational entropy, free energy and
phase selection concepts with the sole goal to achieve the desired properties rather than strictly following the initial given
definition(s). As expected, this aspect gradually broadens the field to purposely include alloys like non-equiatomic alloys,
precipitation dispersed alloys [10], multiphase alloys [11, 12], medium entropy alloys (MEAs) [13, 14], functional materials
[15-19] and films/coatings and fibers [20-22].

The conventional superalloys designed with the single element principle seem to reach their properties utilization
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limits [23, 24]. Recently, a new HEA subfield emerged with possible attractive high-temperature properties, usually
defined as high-entropy superalloys (HESAs) [10]. They mainly consist of a y multicomponent equiatomic FCC HEA
matrix to maximize configurational entropy and utilize HEAs’ unique effects, strengthened usually with y” intermetallic
and ideally intergranular precipitation [25-47]. Al and Ti elements are usually picked as y’ stabilizers for the desirable
L1, and B2 phases [48] which are suitable for high-temperature structural applications, versus their usually undesirable
brittle o, Laves or grain boundary L2; counterpart phases [49, 50]. Additionally, the relatively low density of those
elements is also one considerable advantage in the state-of-the-art fields like the aerospace industry.

HESASs’ bigger compositional range allowing access to new compositions. Factors such as a) the low stacking fault energy,
b) the positive lattice misfit between the FCC matrix and y’ precipitate, ¢) the high volume fraction and antiphase boundary
(APB) energy of the L1, precipitate and d) the thermally stable microstructure are usually reported as the explanation for the
properties’ superiority over the conventional superalloys [25]. For example, HESAs’ usual positive lattice misfit may attribute
to more beneficial properties, versus the negative lattice misfit, which is usually found in the conventional Ni-superalloys [23,
51].

Despite their preliminary promising aspects, there are some crucial implications that need to be addressed. That is, the
relatively low L1, solvus temperature (e.g., in FeCoCrNi matrix [40]) and the stabilization of the most favorable inter-
granular L1, over the undesired o, Laves and grain boundary L2; phases. Also, the effect of the precipitate nature,
distribution, size, density and number relatively to the possible thermomechanical treatments needs to be extensively studied
accompanied with much needed high-temperature assessments.

In the present work, the non-equiatomic (FeMnNi)ssairiyie HEA was prepared and studied to test its viability as a
candidate element when designing the FCC matrix for FCC + L1, HESA microstructures. Manganese was selected as a
possible cheaper option than the usually most reported Fe, Ni, Co, Cr, Cu elements in the literature [52]. Furthermore,
manganese can contribute an even bigger atomic radii difference when added to the aforementioned elements, further
enhancing the severe lattice distortion effect in the FCC HEA matrix [53]. Additionally, subsequent heat treatments were
conducted to study the presence of Ostwald ripening on the precipitation that was tested via microhardness, XRD, SEM and
EDS measurements. To the author’s knowledge, there is limited work on manganese included FCC HESA matrix in the
current literature, and as such, the present effort aims to enlighten further the behavior of this types of systems.

Experimental Procedure
Phase Formation Criteria

During the last years, many different parametric models have been developed in an effort to create useful tools in order to
predict the possible phases that would form when designing a new high-entropy alloy system. Among these models, some
gained significant attention and used extensively especially in the initial designing stages.

Zhang et al. [54], for instance, proposed the formation of solid solution phases to be related with three parameters: enthalpy of
mixing (AHmix) and entropy of mixing (ASmix) for the involved elements and differences in the atomic sizes. These three parameters
are given by the following expressions:
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where 7=, ciri ,ciand r; are the atomic percentage and atomic radius of the ith element. The numerical factor 100 is used
for simplicity reason. Based on this model, for a single solid solution phase to be formed, =22 < AHmix < 7 kJ/mol, 6 < 8.5,
and 11 < ASmix< 19.5 J/(K-mol) have to be satisfied simultaneously.



Additionally, Wang et al. [55] focused on the effect the atomic size differences may have on the stability of single
phases and introduced the geometric factor y which is practically calculated based on the smaller and the larger of the
involved elements:

where r; and 7 are the atomic radii for the smallest and largest atom and 7 is given by
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For a single phase to be formed, y<1.175 must be established.

Troparevsky et al. [S6] examined the enthalpies of formation of all the possible binary systems that could be formed for a
given high-entropy alloy systems and they concluded that if the conditions where 137<AH< 37 meV/mol regarding a 5-
component alloy (and —232<AH<37 meV/mol for the refractory systems) are met, then a single phase should form.

Furthermore, the ci) factor, with ci) = AGss/-|/AGmax|, adopted by King et al. [57], incorporates the thermodynamic factor
AG;s that is the change in Gibbs free energy for the formation of a fully disordered solid solution from a mixture of its
individual elements and agmax factor which is the lowest (intermetallic) or highest (segregated) possible Gibbs free energy
obtainable from the formation of binary systems from the constituents of the mixture. According to this model, a value of ci)
2 1 suggests a stable solid solution at the systems’ melting temperature and a negative ci) value recommends that the solid
solution has positive formation enthalpy and will not form.

Guo et al. [58] introduced the concept of valence electron concentration (VEC) and the effect that it has on the stability of
either BCC or FCC phases. They proposed that a value below 6.87 stabilizes the BCC structure and a value above 8
stabilizes the FCC one, with a mixed BCC and FCC structure being expected when VEC lies between 6 and 8. In another
effort of them [59], they also took into consideration AHmix and 6 values and they suggested that a single solid solution is
stabilized when 6<6.6% and —1.6<AHnix<3.2 kJ/mol, respectively.

Yang and Zhang [60] proposed a new thermodynamic parameter Q, with:

Q = TmASmirl AHmixl 6)

where Tr, is the melting point given by the mixture rule They suggested that a HEA with Q>1.1 and 6<6.6% should be a
simple solid solution.

Senkov et al. [61] introduced a theromydynamic model that predicts the presence or absence of intermetallic phases at
given annealing temperatures Ta. This criterion is based on the relation between parameters such as ki « (Ta) and
AHm/AHmix. More specifically:

K'(Ty) = (1=ky) - T+ ASyi/AH i, )

ky = ASp/ASix (8)

with AHpv the enthalpy of formation of intermetallic phases, AHmix the enthalpy of formation of solid solution, ASpv the entropy
of intermetallic phases and asmix the entropy of solid solution. According to these researchers, when values of ki« (Ta) are plotted
versus those of AHmw/AHmix, clear separation of solid solution alloys from intermetallic containing alloys can be reported.

Jin et al. [62] criterion that focuses in the design of pseudobinary eutectic HEAs composed of FCC/B2 phases with the use of
VEC and anmix Was also calculated for the present composition [62] More specifically, the parameters that are needed to be met
are: (i) VECss> 8 and -5 kJ/mol < AHssmix<O , where VEC is the valence electron concentration for the constituent
elements of the FCC matrix, (ii) the melting temperature to room-temperature stability of the chosen intermetallic compound,
(iii) the lowest enthalpy AHf value among the arbitrary binary combinations in the alloy, for the dispersed intermetallic
compound.

In general, the AHmix and § factors are widely accepted and used in the HEA’s community as a useful empirical rule to
predict the phase selection among solid solutions, inter-metallic compounds and the amorphous phase [63].



Materials and Methods

(FeMnNi)saarmiyie high-entropy alloy with a density of 7.64 g/cm? (rule of mixtures and experimental composition used)
was produced by arc melting. The constituent elements, in the form of powders or wires, were of more than 99.5% purity
and mixed. Melting was performed within a water-cooled Cu mold under argon protective atmosphere. Five remelting
steps were performed in order to establish uniform elements/distribution within the final microstructure.

Specimens were prepared and subjected to solution treatment (ST, 1150 °C for 2 h), aging (750 °C for 30-9600 min,
respectively).

An X-ray diffractometer (Bruker, D8 Advance) using a scanning rate of 0.01°/s was used for the assessment of the crystal
structure which was further analyzed with the use of Match!3 software. Two scanning electron microscopes (TESCAN
S8000G and JEOL 6510 LV) equipped with both backscatter electron (BSE) and energy-dispersive spectroscopy (EDS)
detectors (Oxford System) were used in order to examine the microstructure. Standard metallographic procedure and chemical
etching with diluted Aqua Regia solution (200 mL Ethanol, 75 mL HNO3, 25 mL HCL) for a duration of 1 were adopted for
each SEM sample. Vickers microhard-ness HV1 was measured on polished surfaces under 1000 g load applied for 10 s.

The fraction, surface area and mean diameter of the precipitates were measured by the use of Image J software. This
procedure involves the conversion of 225 gray-level BSE images into black (precipitates) and white (FCC matrix) binary
images.

Basic thermodynamic calculations were performed using FactStage version 8.1.

Table 1: Nominal and actual composition of the as-cast (A.C.) alloy.

Atomic percentage at%

Fe Mn Ni Al Ti
(FeMnNi)84(AlTi)16 as-cast Nominal 28 28 28 8 8
Actual 30.75 22.39 30.18 7.74 8.95

Table 2: Phase criteria, thermodynamic factors values and the experimental composition values for the as-cast investigated alloy

8 ASmix | AHwmix | YVEC | 0 Y @& | AHim | KL,
(J/mol-K) (kJ/mol)
AH iy
(FeMnNi)84(AITi)16 Nominal | 5.81 | 12.48 -20.59 | 8.30 [ L.15 1.41 | 1.20
as-cast Actual | 596 | 1224 | -17.49 | 844 1.73 1 1.23

meViatom

Al

(FeMnNi)84(AITi}16

K2-0.8
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AHIM / BHmix

Table 3: Jin’s [62] numerical criteria calculation for the present (a) theoretical and (b) experimental composition of the A.C. alloy.

(a) VECss AHD (b) VECss AHY
83 —4.4 kJ/mol 8.47 —4.26 kJ/mol
Table 4: The atomic radii of the Fe, Mn, Ni, Al and Ti elements
Element Atomic
Radius
(A)
Al 1.432
Ti 1.462
Fe 1.241
Mn 1.350
Ni 1.246




Results
Phase Formation Criteria

The experimental and theoretical values of the as-cast alloy were used to calculate 7 different phase criteria for HEAs
(Table 1). Two of them suggested the formation of a simple solid solution [60, 62] while four of them anticipated phase
segregation or formation of intermetallic phases [55-57, 61]. The exact criteria values for the investigated composition,
both theoretically and experimentally are listed in Table 2. The valence electron concentration (VEC) as proposed by Guo
[59] was calculated equal with 7.56 predicting a mixed FCC+BCC structure.

Especially in the case of the Jin’s model [62], the calculated values for the current composition are illustrated in Table 3.
The AlTi intermetallic compound has the highest melting point (~1450 °C) against the second-best candidate TiNi (~1300
°C) [64, 65] Moreover, AlTi exhibits the lowest AHmix = =61 kJ/mol compared against the runner up AINi, (AINi AHmix
=-49 kJ/mol )(Miedema Calculator) [66—68].

The Fe, Mn, Ni elements are expected to act like a FCC matrix for the AlTi dispersed phase, as suggested by the
aforementioned criteria. Additionally, Al and Ti elements have the largest atomic radii in comparison with Mn, Fe and Ni,
supposedly providing more tendency for segregation via particle/matrix mismatch in the FeMnNiAlTi system (Table 4, the
atomic radii were taken from [59]). Besides, the AHr of the binary compounds between manganese, iron and nickel were
included in the boundaries that Troparevsky’s criterion suggested [56]. Lastly, the simultaneous and uniform fluctuation of
the aluminum and titanium elements between the Fe-rich and Ni-rich area (this separation will be explained later) suggests
that compounds including the two elements, act together as a solute phase in the FCC FeMnNi matrix.

XRD Patterns Interpretation

Out of a total 12 XRD patterns (Figs. 1 and 2), the strongest peaks at 43, 50, 73.5° 2 theta can be mainly correlated to a double
FCC matrix. The double peaks near 43° may be attributed to the difference in Fe at% content between the two areas, leading to
slightly shifted peaks due to the change in lattice constants [69]. Moreover another factor that may induce the separation of the
two peaks is the difference in the solute Ti at% between the two areas, since it is recently reported that it can lead to this
phenomenon [70]. The last statement about Ti at% content might be considered as a major mechanism that eventually merged
the double FCC matrices’ peaks after a critical aging point, since the possible Heusler particles can impact the Ti content in Ni-
rich areas, as it will be discussed in detail further below in the text. The average lattice constant calculated for the matrix in this
experiment was 0.3599 nm, which is close to Zhang’s et al. work of 0.3607 nm for the Fes40Mnys :Nixz 0 at% [69].

The Heusler Ni,TiAl with a L2, structure that was matched can be originated from a supersaturated B2-TiNi matrix [71].
Both ordered structures are based on BCC structure. Also, the complicated nature of the diffraction pattern of this system may
add up extra difficulty into the identification and interpretation, with a possible total of three different types of peaks, A2
lattice and L2, and B2 superlattices, as reported in a powder diffraction spectrum for a Ni;AlTi compound [72]. That might be
the reason that in FCC matrix AlTi dispersed HEAs, peaks that correspond to precipitated compounds are usually identified as
either Heusler, B2 or L2; in XRDs or equivalent methods. [37, 40, 41, 70, 73, 74]. For the readers’ assistance, Figure 3 is a 2
theta versus heat treatment graph of the 2 peaks included in the rectangle shadow regions in the aforementioned XRD
patterns, showing their alteration with heat treatment.
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Figure 1: The 12 XRD patterns for the as-cast, solution-treated, aged for 90, 150, 210 and 240 min specimens. The symbols at 240 min
pattern identify the phase present in each peak. The gray color highlights the 43° peaks that were discussed in detail
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Figure 2: The 6 XRD patterns for the 420, 1200, 2400, 5280, 6720 and 9600 min aged specimens. The symbols at 240 min pattern
identify the phase present in each peak. The gray color highlights the 43° peaks that were discussed in detail.
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Figure 3: 2 theta versus thermal treatment graph of the 2 peaks included in the rectangle shadow regions in Figs. 1 and 2



As-cast and Solution-Treated Microstructural Observations

The as-cast (A.C.) specimen microstructure after SEM inspection at different magnifications is shown in Fig. 4. Two distinct
phases can be observed: a bright phase of characteristic dendritic morphology and a dark phase associated with the interdendritic
region. Further examination with EDS mapping, Fig. 5a, reveals that the bright phase is enriched in Fe and the interdendritic
phase in Ni, respectively. EDS line scanning, Fig. 5b, also verifies the same tendency.

A similar situation is observed in the case of the solution-treated (S.T.) specimen. Fig. 6 presents its microstructure after
SEM examination at different magnifications and Fig. 7 a and b shows the EDS chemical mapping and line scanning analysis,
respectively. The only distinguishing difference is the extinction of the dendritic structure, with the involved bright and dark
phases possessing more rounded morphologies. Apart from this, their compositional profiles do not seem to be altered
compared to the A.C. state.

These microstructural observations come to support and verify the XRD results about the existence of a double FCC phase.
Furthermore, this double FCC presence has been systematically described by Zhang et al. [69]. These researchers studied the new
phase transitions temperatures and phase equilibria and schemed a FeMnNi ternary phase diagram. The calculated vertical
section of this ternary phase diagram at 30 wt.% Mn seems to fit relatively close with the converted experimental weight
percentages of the current experimental procedure (A.C.: Feo55mn045 ™ Ni0.57Mn0.43 wt.%, Versus reo70mn0.30 " nio.7omn030 Wt.% of
the discussed vertical section), and it was used as reference point. The specific diagram was mainly used due to its compatibility
in terms of the same compositional content of Mn in both areas. The modified diagram is at Fig. 8. The perpendicular black line
highlights the approximately experimental composition of the A.C. alloy, which is close to 1/1 ratio (Fe: 38.23 wt.%, Ni:40.66
wt.%).

Therefore, based on the XRD analysis, the SEM — EDS examination and the postulates of Zhang et al. [69] work, a
potential solidification sequence includes the formation of either L1, and/or Heusler (L2;) precipitates as a first stage with
the remaining liquid being solidified in a way approached by the following equation:

L — L' + FeMnNi(Fe — rich)

— FeMnNi(Fe — rich) + FeMnNi(Ni — rich) ©)

Summarizing, the solidification range illustrated in Fig. 8 during the cooling process could be the main attributor of the
microsegregation phenomenon in the microstructure. The first-to-solidify (the L” factor of the equation) liquid melt that
crossed the liquidus line solidified to a Fe-rich FeMnNi phase, relatively to the initial global composition of the primary
liquid, whereas the secondary melt (the L’ factor of the equation) that coexisted with the first-to-solidify Fe-rich FeMnNi
solidified to a Ni-rich FeMnNi phase, again relatively to the primary liquid. The approximately high cooling rate of the
current experiment hindered the diffusion that was supposed to take place and contributed to the enclosure of this
microstructure until room temperature.

If the diffusion would happen without constraints, the final microstructure might be consisted of a FCC single solid
solution, just like the original Fig. 8 diagram and phase criteria suggest.

Further support for the existence of the previously mentioned phases comes from the thermodynamic calculations
performed by FactStage. Fig. 9 shows the phases predicted for the case of the actual composition (Table 1) of the prepared
system. The calculations predict the stability of an FCC solid solution above roughly 950 °C. Interestingly, below 950 °C, the
calculations predict the presence of additional phases such as Ni3Ti and L1,. Moreover, Fig. 10 shows the phase predictions
for the pseudobinary FeMnNi — AlTi phase diagram which is a good approximation of the actual system prepared in the
present effort. The black dash line represents the closer to the actual composition AlTi/ AlTi+FeMnNi molar ratio. Based on the
predictions of this phase diagram, the system seems to contain: (a) a first solid FCC solid solution (FCC 1), (b) second FCC
solid solution (FCC _2), (c) a L12 phase and (d) a Ni3Ti phase. This observation refer to the temperature of 700 °C. Both Figs. 9
and 10 verify in general the XRD results. The only exemption, nevertheless, is the presence of NisTi phase which is not clearly
identified by the XRD analysis. Its possible existence could be associated with the multiple small peaks around 46°, yet further
experimentation is required. It should be, nevertheless, wise to include as another potential phase at the onset of solidification,
that of the Ni3Ti intermetallic.

Last but not least, it has to be mentioned that the same two FCC phase segregation scenario seems to persist also for the 160
h aged specimen. Tables 5 and 6 show the mean values of various EDS point analyses for the two segregated FCC phases in the
three different specimens (A.C., S.T., 160 h aged). Clearly, the Fe and Ni segregated compositional profiles can be observed.
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Figure 4: SEM images of the as-cast microstructure at different magnifications. It can be observed that two major phases are present: a
light phase of characteristic dendritic morphology and a dark interdendritic phase.
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Figure 5: As-cast: (a) EDS mapping analysis showing segregation of elements in the two major phases, (b) EDS line scanning showing
similar elemental segregation.
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Figure 6: SEM images of the solution-treated specimen. It can be observed that the two phases formed at the as-cast state still persist,
yet their morphology has been dramatically modified with the main feature being the elimination of the dendritic structure.
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Figure 7: Solution treated: (a) EDS mapping analysis showing segregation of elements in the two major phases, (b) EDS line scanning
showing similar elemental segregation
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The Effect of Heat Treatments

Heat treatments can usually impact the microstructure of an alloy through mechanisms like the Ostwald ripening and Hall—-
Petch effects. Hence, it is believed that these phenomena can affect the mechanical properties of the systems produced in the
present effort. Extensive room-temperature Vickers microhardness tests were conducted in all of 12 specimens for the
evaluation of the possible strengthening mechanisms present in each alloy. Fig. 11 illustrates the influence of heat treatments
to the mechanical properties, with all the reported values being relatively high for a soft single-phase FCC HEA [75-77].
The microhardness reaches its maximum value at 90 min of aging time (399 + 20 HV1), while afterward it follows a mostly
downward trend until 160 h aging time (300 £ 10 HV1). Interestingly, an unexpected decrement and increment, with
regard to the typical age hardening behavior, occurred at the S.T. and the 1200 min treated specimen, respectively. Also,
the two aforementioned specimens showcase the biggest variation in between their measurements (S.T.: 326 + 31 HV1;
1200 min: 371 + 33 HV1). The variations tend to get narrower from 2400 min and onwards. These trends will be further
evaluated with regard to the intergranular nanoprecipitates below.

A preliminary statistical analysis was conducted in order to assess the particles’ average diameter and diameter distribution,
by using SEM images, in the A.C. and 160 h aged specimens. The diameter histograms for both areas in A.C. and 160 h aged
specimen are shown in Fig. 12. The average diameter of the nanoparticles in A.C. was found to be 23.7 + 10.6 nm and 20.3 +
9.6 nm for Fe-rich and Ni-rich area, respectively, while the average diameter in 160 h aged specimen was found to be 59.8 +
17.7 nm and 26.0 £ 6.0 nm for Fe-rich and Ni-rich areas, respectively. The calculated area fraction of the precipitates in Fe-rich
area for 160 h specimen was found to be 34.81 + 4.40 %. It can be observed that the combination of the heat treatments and the
Fe-rich matrix led to a distinguishable coarsening of their corresponding nanoparticles, as Fig. 13 illustrates.

Hardness Interpretation Through Strengthening Mechanisms

It is established that the main factors that attribute to yield strength in polycrystalline materials are, lattice friction (o), solid
solution strengthening (oss), grain boundary strengthening (,gv) and precipitation hardening (o) [78, 79]:

oy, =¢71-+z:rss+1'.'rg,.]+o']7 (10)

Additionally, yield strength usually illustrates a linear correlation with hardness in metals, like in the case of steels [80].
Unfortunately, the assessment of solid solution strengthening in HEAs is still a challenge, since it is no clear which are the
solute and solvent atoms [41]. Moreover, since the alloys in this study have identical chemical composition, it was hypothesized
that i, and a; are not the most influential factors in the following interpretations.

Through the comparison of the A.C. and S.T. microstructures in Figs. 4 and 6, it is visible that the grain boundaries got
smoother after the solution treatment. The dendritic structure in A.C. is transformed into equiaxed grains in S.T. This
microstructural alteration has a significant effect on the overall grain boundary extent. By comparing Fig. 4b,c and Fig. 6b,c, it
can be observed that this alteration form den-dritic to equiaxed morphology also results in a considerable reduction of the
overall grain boundary areas. The extensive dendritic contour spread out between the primary and the secondary dendritic
branches is almost eliminated and substituted by a smooth almost circular contour of the equi-axed grans. This modification
theoretically leads to the lower grain boundary strengthening that was observed through the microhardness measurements in
Fig. 11. This may explain the slight drop in the average HV1 microhardness between A.C. and S.T. The grain boundary
strengthening contribution can be qualitatively evaluated in the present case with the following equation:

o = K, xd* (11)

where K, is Hall-Petch strengthening coefficient and d is the average grain size.

To further clarify the high deviation in the micro-hardness in the S.T. specimen, HV0.025 measurements were conducted.
HVO0.025 microhardness (10 s application of load) after chemical etching with Aqua Regia was performed in order to
reveal the grain boundaries and solely evaluate Fe-rich and Ni-rich areas. Through the visual inspection of the indent’s
marks and microhard-ness measurements in both microstructures, the Ni-rich matrix appears to be significantly harder (Fe-
rich: 556 + 53 HV0.025, Ni-rich: 854 + 29 HV0.025). The indents’ marks can be observed in Fig. 14. This behavior can be
attributed to a possible higher precipitates density in the Ni-rich area versus the Fe-rich. The higher compositional amounts
of Al and Ti elements can be responsible for nucleating more intergranular precipitation providing increased strengthening
(Tables 5, 6). Also, the increased load of the HV1 initial measurements might have increased the area of indent’s mark on
the sample, ending up measuring multiple Ni and Fe-rich areas, enhancing the fluctuation of final microhardness value.
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Precipitation can lead to significant strengthening of an alloy, through the different sizes and morphologies that could be
resulted as a function of time. Fundamentally, the aforementioned phenomenon can happen via either of the following well
established mechanisms; (i) by dislocations that cut through the precipitates, (ii) or/and by dislocations that bypass the precipitates
by a looping mechanism (Orowan), which interestingly are also reported in many HEAs [28, 35, 36, 41]. The occurrence of each
mechanism is mainly governed via the diameter of the precipitates. Hence, particle shearing will dominate when the particle sizes
are below d. (usually between 5 and 50 nm), giving its place to Orowan when exceeding a critical value [81].

Leskovsek et al. [82] have adopted an empirical equation to estimate the average distance 1 between carbide particles in
high-speed steels:

2

l=dx(1—f)x1/ﬁ (12)

where fthe precipitates’ volume fraction and d the average diameter

The shearing stress for the precipitates (1) and Orowan stress (;0) can be expressed as:

Yars (37f \?
=0. =7 = 13
oy, = 0.81M = ( 2 ) (13)
Gb I
:—1' —
or 211'1”(1’0) (14)

where M is the Taylor factor (3.06 for FCC alloys), yaps is the antiphase boundary (APB) energy of the L1, NizAl (184 mJ/m?), b
is the Burgers vector (~ 0.262 nm), 1 is the average particles’distance, r is the dislocation core radius (#¢=b), and G is the shear
modulus (78.5 GPa), as it was used by Peng et al. [28]. With the usage of the aforementioned data to approximate the present
alloys, a theoretical-ideal shear-ing/Orowan stress versus diameter was schemed to estimate the critical transition diameter
between the 2 ambivalent mechanisms (Fig. 15). The volume fraction used in Fig. 15 was 25% for 15 nm diameter and gets its
maximum value at 36% for 60 nm, with linear increment. These values were picked to match the 160 h specimen diameter and
area fraction in the current experiment and the f values reported in the literature [28, 30, 36, 41]. For the reader’s more clear
understanding, few more comments should be added concerning the interpretation of Fig. 15:

e The blue line shows the effect the particle size has on the strengthening effect accumulated by the particle shearing
mechanism. According to this trend the higher the particle size, the more increased the strengthening result.

e The orange line shows the same effect of the particle diameter on the strengthening effect due to the Orowan
strengthening mechanism. According to this, the higher the particle diameter the more faded the strengthening events.

e D critical (ritica)) 1S the critical particle diameter at which both mechanisms can provide the same strengthening effect. Below
deritical, Strengthening by the Orowan mechanism is higher than that of the particle shearing mechanism. On the contrary above
the deritical the Orowan dislocation particle by passing mechanism is easier and as such its strengthening effect is reduced.

e Hardness interpretation at the different heat treatment stages is based on three different key factors: (a) the strengthening
mechanism that is established, in case, as a function of the particle diameter (b) the different rate of the Fe-based and Ni-
based particle coarsening behavior and (c) the rate of particle precipitation—and hence their fraction—especially in the
case of the Ni- based precipitates.

As the histograms in Fig. 12 suggest, the precipitates in both areas possess about the same diameters, which translates into
both areas get mainly strengthened with the shearing mechanism with regards to i, (1st Mark). As the aging time increases, the
precipitates get ripen with different rates with regards to the 2 different areas as well, but all of them contribute positively to
the hardness. The highest hardness achieved at 90 min may be the critical point where the Fe-rich precipitates have reached
their maximum mean strengthening (average diameter close to sritca. The Ni-rich ones are possibly still below the critical
value, because even after 160 h of aging time, they still possess a mean diameter of 26.0 + 6.0 nm, which is around the critical
value. The decrement in the 3rd mark’s area is due to the Orowan mechanism slowly overtaking the precipitates of the Fe-rich
area, negatively affecting the hardness with a higher rate than the shearing mechanism of the precipitates in the Ni-rich area
can increase it. The Ni-rich precipitates are still in the shearing strengthening area. The increment of the hardness in the 4th
mark is where the Ni-rich area precipitates strengthening via shearing mechanism overrun the Orowan mechanism of their Fe-
rich counterparts. This can be explained by both the broadened slope in the Orowan area, and the higher precipitate density of
the Ni-rich area. The double amount of Al, Ti elements, possibly nucleated more precipitates and provided more strengthening
than its Orowan strengthened counterpart. Lastly in the 5th mark, Ni-rich area precipitates’ mean diameter approaching the
deritical value, and as a result, the summary alloys’ hardness starts decreasing as aging time increases, as expected by a typical
overaging behavior.
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The Correlation Between Intergranular and Grain Boundary Precipitates

Tables 5 and 6 illustrate the corresponding Al/Ti at% ratios. With the present experimental data, it is evident that there is a
mechanism that gradually depletes the Ti element from the intergranular Ni-rich area (A.C.: 0.44, 160 h: 0.74), where the
same phenomenon seems to be absent in its Fe-rich counterpart (A.C.: 0.51, 160 h: 0.54).

Through inspection of Fig. 13a-c, a new phase along the grain boundaries, in between the Ni-rich and Fe-rich areas, can
be observed, when comparing the A.C. and 160-h-aged microstructures. This phase has identical chemical composition
with the Fe-rich area.

Murdoch [83] developed a model that predicts the tendency of elements to be segregated at the grain boundaries, based on
Miedema-type approach. According to this model, in Ni-X type solid solutions, atoms such as Ti and Al exhibit a
considerable tendency to be segregated at the grain boundaries, due to their high (positive) values of segregation enthalpy
(AHsew). Additionally, compared to Fe, Mn and Ni (elements with the similar atomic radius, about 1.241, 1.350 and 1.246 A
[58]), Ti and Al have larger atomic sizes (Ti = 1.462, Al = 1.432 A [58]). This aspect can cause localized supersaturated areas
that can establish high particle/matrix mismatch which, in turns, lead to increased strain energy of the surrounding FCC
matrix promoting; thus, the formation of discontinuous cellular phases at the grain boundaries [33]. Cellular precipitates along
the grain boundaries are commonly reported in similar FCC+L1, microstructures. [27, 32, 33, 38, 40].

Numerous researchers reported Heusler phases at the grain boundaries regarding AlTi dispersed HEAs [33,37,40,41,74)]. 1t
is reported that the increased super-saturation of Ti and Al can thermodynamically destabilize the cellular L1, structure, a fact
that favors the formation of locally stabilized ordered-BCC Heusler phase at the grain boundaries [33]. Choudhuri et al. [73],
by using DFT calculations, also postulate that Ti is necessary to promote the stabilization L2, phase in the well-characterized
B2-forming CoCrFeNiAl HEA. Their morphology is reported as large island-like precipitates near the grain boundaries,
causing sags and crests due to the Zener pinning effect [27].

Figure 16 illustrates an EDS line scan for an island-like precipitate near the grain boundary, accompanied with a high-
resolution SEM image. The distinct Ti element peak indicates the possible segregation of Ti element in the particle, while
the SEM image shows its morphology. The thermodynamic data comparison that was found in the literature for the present
Z element candidates in the Ni,AlZ Heusler phase were the Fe, Mn, Ni, Al and Ti elements. The heat of formations of all the
possible Ni,AlZ phases is presented in Table 7 [65-67, 73, 84, 85]. The current data comprise another potential evidence of
Heusler phase presence, since the lowest heat of formation is accounted for the Ni>AlTi compound, proposing its stability over
the ambivalent compounds. Additionally, the same compound appears to be detected in numerous of the aforementioned AlTi
dispersed HEAsS, as in the case of both He’s et al. works where L2,-Ni,AlITi/(Ni, Co),AlTi Heusler particles, are formed mainly
along grain boundaries [40, 41]. In Zhao’s et al. work as the same Ni,AlTi compound [35], and lastly in Yang’s et al. work, it is
reported that the presence of excessive Ti additions will promote the formation of L2 particles of more brittle nature at grain
boundaries (not mentioning Heusler characterization, just the same crystal structure and general morphology) [37]. The
formation of the Heusler particles can explain the initial hypothesis of a possible Ti depletion mechanism for the Ni-rich
FeMnNi area, suggesting a Ti segregation to these particles. The gradual Ti element depletion in the Ni-rich area may be
the main mechanism that altered the precipitate mean diameter between the two areas.

The precipitation extent and morphology, especially in the case of the Ni-rich phase, can also be supported by means of
pseudospinodal decomposition phenomena. Pseudospinodal decomposition is the case where when the alloy composition overpass
a critical ¢o value, a congruent (partitionless) a2 — y transformation is firstly established, followed by decomposition, also leading to
high nucleation density [84-87]. This phenomenon within a narrow compositional range (e.g., 00Ac00 = 2% ) can increase the
particle number density by 3-4 orders of magnitude [80, 84]. The EDS data in Tables 5 and 6 showed approximately half the
amount of Al, Ti elements in the Fe-rich area versus the Ni-rich area. With the use of the available experimental data, we can
hypothesize that the microstructure behaves as like a pseudobinary system that consists of the FCC FeMnNi matrices, with the
AlTi dispersed phase. The preferably depletion of Ti element in the Ni-rich area over the Fe-rich, gradually pushed the Al/ Ti at%
ratio above the critical composition where the pseu-dospinodal decomposition phenomenon occurs. As the aging time increased,
Ni-rich area secondarily nucleated exponentially more new particles that caused significantly more contest over the solutes Al, Ti
among the intergranular precipitates, relatively to the Fe-rich area. Additionally, the increased initial compositional amount of Al,
Ti elements in the Ni-rich area surely played a major role in initially nucleating more primary particles as well (Tables 5 and 6).
The less amount of available solute Al, Ti led to slower coarsening rate of the Ni-rich precipitates over the Fe-rich ones, even
though they initially nucleated within the same diameter range (Fig. 10). The explanation proposed here seems to align with both
the experimental and literature data provided.
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Conclusions

In this study, the solution treatment capability for 2 h at 1150 °C and the effect of aging time at 750 °C in the
microstructure and microhardness was evaluated for the (FeMnNi)g4aimiyis alloy. The following conclusions were
extracted:

1. The solution treatment parameters of 2 h at 1150 °C were insufficiently low to dissolve the as-cast precipitates into the
matrix, as visible precipitates were identified in both as-cast and solution treated samples. This suggests that the solvus
temperature of the studied system lies above the temperature used in the present work.

2. The double FCC matrix identified may be correlated with a solidification range and insufficient diffusion during the
solidification process.

3. The maximum 399 + 20 HV1 at 90 min aging time can be mainly attributed to the precipitation shearing mechanism in
both matrix areas. The 300 + 10 HV1 reported at 160 h aging time was estimated that it is derived by the change of the
main strengthening mechanism from shearing to Orowan.

4. The island-like precipitates that depleted Ti element from the Ni-rich intergranular area may be identified as a Ni>AlTi
Heusler phase, which further enhances the literature data that suggest its stabilization via the presence of Ti in HEAs.
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Figure: 8 The modified calculated vertical section at 30 wt.% Mn, as calculated by Zhang et al. and based on [69]. It demonstrates the weight
fractions of re0.7mn0.3 (on the Left axis) and nio.7mno03 (on the right axis), for temperatures ranging from 1500 °C to 800 °C. The solid black line
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Table 5 The calculated element compositions from various EDS point scans, for the Fe-rich matrices in the as-cast (A.C.), solution-
treated (S.T.) and 160 h aged specimen

Al Ti Fe Mn Ni Al/Ti

A.C. 6.0+£0.26 57+02 38.8+0.6 23.4+0.7 26.+0.1 0.51
S.T. 5.2+0.05 7.9+0.01 40.7 +0.15 159+0.3 30.6 0.2 0.41
160 h 39+0.3 33+03 46.0 = 0.8 19.1+0.9 27.6+1.2 0.54

The Fe content (bold) does verify the enrichment in Fe in this rich in Fe area

Table 6 The calculated element compositions from various EDS point scans, for the Ni-rich matrices in the as-cast (A.C.), solution-
treated (S.T.) and 160 h aged specimen

Al Ti Fe Mn Ni AlTi

A.C. 94+14 12.1+2.7 229+3.1 214+0.6 341+£1.2 0.44
S.T. 123+0.2 11.9+0.2 244+0.5 13.9+£0.2 375+0.3 0.51
160 h 154+1.0 53+05 169 +£8.3 20.5+£0.9 419+59 0.74

The Ni content (bold) does verify the enrichment in Ni in this rich in Ni area. It is also evident that the Al/Ti ratio, after 160 h heat
treatment is also significantly increased (bold).

Table 7 Heat of formation of the 5 candidate Heusler compounds, as collected through the available literature.

Ni,AlFe Ni,AlMn NijAl Ni,Al, (NiAl) Ni, AITi
—22 kI /mol —22.29 kJ/mol — 32 kJ /mol —41 kJ/mol — 48.42 kJ/mol — 55.8 kJ/mol—65 kJ/
mol

The lower AH of the Ni,AlTi phase (bold) compared to that of NiAl (bold) also supports the stability of the Heusler Ni,AlTi phase
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Figure 11: Vickers HV1 microhardness versus each alloy’s state. The various thermal treatments seem to impact the microhardness of
each alloy.
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Figure 12: Diameter distribution histogram of precipitates in (a) Fe-rich region of the A.C. alloy, (b) Ni-rich region of the A.C. alloy,
(c) Fe-rich region of the 160 h alloy, (d) Ni-rich region of the 160 h alloy.

Figure 13: Secondary electrons SEM image of (a) A.C and (b, ¢) 160-h aged specimens of (FeMnNi)84(AlTi)16 at high magnification,

showing the morphologies and distribu—tions of the nanoparticles. In both images, the left side is the Ni-rich area and on the right side
the Fe-rich area. (TESCAN S8000G).
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Figure 14: Vickers microhardness (HV 0,0025) indent’s marks. The left mark is inside a Fe-rich area, and the right mark is
in a Ni-rich area.
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Figure 15: A theoretical schematic illustration of shearing/Orowan calculated stress versus the average diameter. The red circular marks
indicate the average diameters of the hypothetical and experimental Fe-rich precipitation including notes with regard to the corresponding
Ni-rich precipitation in each case. The diagram was schemed with the usage of equations (4), (5) and (6) and the relevant data provided in
the text to simulate the present’s work alloys. The last red mark was created to match the experimental area fraction and average pre-
cipitate diameter of the experimental Fe-rich 160 h microstructure
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